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Strength of thermally exposed alumina fibers

Part I Single filament behavior

P. E. CANTONWINE∗
Materials Science and Engineering Department, University of Virginia,
Charlottesville, VA 22903, USA

The strength of a continuous-fiber-reinforced ceramic composite is directly related to the
strength distribution of the reinforcements. Therefore, it is essential to understand how
processing and service conditions affect the filament strength distribution. The objective of
this paper was to determine the strength distribution of NextelTM 610 alumina filaments, a
potential reinforcement in oxide-oxide ceramic composites, and to characterize the defect
population as a function of exposure temperature. The filament strength was measured in
single filament tests and decreased as the exposure temperature increased. The defect
population was quantified via fractography, and eight distinct defect types were identified.
Grain growth and filament-to-filament sintering were identified as critical microstructural
changes during the heat treatments, and both affected the development of grain boundary
grooves, either from thermal etching or from the breaking of the filament-to-filament
sintering bonds. The initial crack path was intergranular but quickly changed to a mixture of
transgranular and intergranular fracture. During catastrophic crack growth, the crack path
changed back to intergranular. The critical crack size, as calculated from linear elastic
fracture mechanics, was found in many cases to be greater than the size of the strength
limiting defect suggesting the presence of subcritical cracking.
C© 2003 Kluwer Academic Publishers

1. Introduction
Improvements in oxide fibers [1–5] and the develop-
ment of fiber coatings that are compatible with the fiber,
the matrix, and stable in high temperature oxidizing
environments [6–8] has led to interest in oxide-oxide
composites. The predictions of performance limits such
as maximum service temperature, environment (steam,
air, etc.), and lifetime are critical for the successful de-
velopment of oxide-oxide composite components. In a
ceramic composite, performance degradation generally
results from fiber and fiber-matrix interface degrada-
tion. The processing stage of oxide-oxide composites
is of particular interest because the processing temper-
atures are typically higher than the application temper-
atures [9–11], meaning much degradation can occur
prior to service. The objective of this work was to in-
vestigate the effect of processing temperatures on the
strength of NextelTM 610 alumina fibers, a potential
reinforcement in oxide-oxide composites [12].

For oxide-oxide composites, degradation of fiber
strength via defect creation can occur by grain growth
[14], filament-to-filament sintering [15], and interface
reactions [16]. Ceramics are defect sensitive materials,
therefore the fracture surface may have the classic mir-
ror, mist and hackle regions [17]. The critical defect
is found by following the river lines back to the point
where the crack initiated. Catastrophic failure in a per-
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fectly brittle material1 is predicted by relating strength
to the fracture toughness (K I C ):

σu = K I C

ψ
√

πc
(1)

where ψ is a function of the sample and crack geometry
and c is the critical crack size.

Defects in ceramics come in many shapes and sizes.
For example, in alumina internal pores [18–20], in-
clusions [5, 20], machining damage [21], large grains
[18, 22] and spontaneous microcracking [17] have been
observed as defects. Under perfectly brittle conditions
and assuming the crack size is equivalent to the de-
fect size, the strength of alumina can be predicted from
Equation 1. Alumina may, however, exhibit subcritical
crack growth due to grain bridging [23], environmental
attack [24] or residual stresses [25].

The lack of a quantitative description of the defect
evolution in the reinforcing filaments of oxide-oxide
composites during processing and service has retarded
the emergence of life prediction models. Here, the evo-
lution of the defect population during processing and

1 A perfectly brittle material has a constant resistance to fracture, there-
fore when Equation 1 is satisfied and the load is not decreasing, the rate
of change in K is also greater than the rate of change in the resistance.
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their effect on strength are investigated by measuring
the single filament properties of “dry” NextelTM 610
alumina fibers as a function of thermal exposure above
1100◦C. The potential existence of subcritical cracking
in this small grain alumina will also be discussed. A
subsequent paper focuses on the properties of alumina
fiber bundles [26].

2. Experimental procedures
2.1. Materials and processing
NextelTM 610 is 99.5% Al2O3 with approximately 400
filaments per tow; the filament diameter is approxi-
mately 12 µm [27]. The filaments are manufactured
from an organic aluminum-salt solution. “Green” fila-
ments are spun from a multi-orifice spinnerette, fired
slowly to remove the volatiles and then converted to
alpha alumina at 1400◦C [27]. Before winding onto
a spool the tow is coated with an organic sizing. The
NextelTM 610 fiber tow is a high-strength reinforce-
ment used in metal and ceramic matrices [28]. The high
strength is achieved by keeping the grain size small (less
than 100 nm) and eliminating many of the process in-
duced defects [28].

The effects of thermal exposure were investigated
via a continuous heat-treatment process. The NextelTM

610 was continuously drawn at 30 cm/min. through two
furnaces; the line tension was around 0.7 N to avoid
significant sagging. To burn off the sizing, the temper-
ature of the first furnace was set at 750◦C. The second,
or sintering, furnace was set at temperatures ranging
from 1100◦C to 1450◦C. Since, the hot zone was about
30 cm in length, the fibers were at temperature for
about 1 minute. To investigate the possible introduc-
tion of handling flaws, an experiment to represent the
as-received condition was done with the sintering fur-
nace at room temperature. The final step was to resize
the bundles by infiltrating a polyvinyl butyral/methanol
solution into the bundles and then curing. This resizing
step allowed for more uniform gripping of the filaments
during the testing of the filament bundles [26].

2.2. Testing and characterization
Single filaments were extracted from the bundles and
tested at room temperature using procedures described
elsewhere [15, 29]. The fracture surfaces of the saved
samples2 were observed, and the filament diameters
were measured in a scanning electron microscope
(SEM). The failure loads were measured using an ATS
series 1100 tensile testing machine with a 50 lb. load
cell and a crosshead speed of 0.25 cm/min.

The grain size was measured using a line inter-
cept method from field-emission-gun SEM photomi-
crographs of etched filament surfaces. For exposure
temperatures greater than 1200◦C, the grain boundaries
were exposed by thermal etching. The other filaments
were etched in boiling phosphoric acid for approxi-

2 Fractures were saved by coating the filament with petroleum jelly to
dampen the energy released that often causes other locations to fail.
The petroleum jelly was removed prior to making SEM observations.

mately 45 seconds. The percent of intergranular frac-
ture (PIF) versus distance from a surface defect was
determined for fibers in the as-received condition and
exposed to 1400◦C. The PIF near a defect was measured
in an area approximately 0.2 µm × 1 µm. At all other
distances, the PIF was determined for a 1 µm × 1 µm
area.

3. Results
3.1. Filament strength
Filament strengths were calculated from the measured
failure loads and filament diameters. The probability of
failure, Pf , was determined by standard methods [30]3:

The data were then fitted to a Weibull distribution
which, ignoring small variations in filament diameters4,
can be written as:

Pf = 1 − exp

{
−L

Lo

(
σ

σo

)m
}

(2)

where σ is the filament stress, σo and m are the Weibull
reference stress and modulus, respectively. L is the test
gauge length of interest, and Lo is the reference gauge
length for which σo and m were calculated.

The Weibull modulus m was found by taking the
slope of a plot of Ln(Ln(1/(1 − p f ))) versus Ln(σ f )
(see Fig. 1). The reference stress, σo, is the stress at
Pf = 0.63. The Weibull parameters are given in Table I
as a function of the exposure temperature. As the expo-
sure temperature increased from 1100◦C to 1450◦C,
the reference stress decreased by almost 25%. This
decrease in σo also corresponded to an increase in
grain size. In contrast, the Weibull modulus initially
decreased from 11.0 in the as-received condition to 7.0
after exposure at 1200◦C and 1300◦C. When the ex-
posure temperature increased to 1450◦C, the Weibull
modulus increased back to 11.0. The initial decrease
in the Weibull modulus correlated to more variation
in defect strength after sintering at 1300◦C (Table III,
discussed in Section 3.2).

Wilson [5] reported 11.5 as the Weibull modulus of
the as-received NextelTM 610 filaments and found that
the average strength varied between 3.0 and 3.5 GPa.
Wilson’s results compare well with the strength distri-
bution of as-received NextelTM 610 reported herein.

Fig. 2 is a plot of the mean filament strength versus
the inverse square root of grain size. Previous results for
NextelTM 610 from Xu et al. [14] are shown for com-
parison. The large increase in strength compared to Xu
et al. was a result of improved processing procedures
after 1993 [5]. The strength of NextelTM 610 alumina
fibers appear to decrease as the grain size increases.
However, these strength levels are within the “Petch”
branch where strength is controlled by extrinsic flaws
that are larger than the grain size [31]. Thus, the de-
crease in strength with grain size can not be interpreted
based on the Orowan analysis where failure initiates
from microcracks caused by residual stress within

3 Pf = σ − 0.5/N.
4 The average measured diameter was 11.9 ± 1.5 µm.
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T ABL E I Filament strength parameters and grain size

Exposure Weibull reference Weibull Average grain
temperature stress (GPa) modulus size (nm)

As-Received 3.37 11.0 65 ± 6
1100◦C 3.30 7.1 69 ± 7
1200◦C 3.30 7.0 69 ± 8
1300◦C 3.09 7.0 75 ± 8
1350◦C 3.10 8.1 78 ± 9
1400◦C 3.00 9.0 91 ± 11
1450◦C 2.51 11.0 100 ± 15

grains. The photomicrographs in Fig. 2 show the grain
size distribution for the as-received and 1450◦C ex-
posed conditions. Grain boundary groves from thermal
etching were evident for exposure temperatures greater
than 1200◦C (1 minute exposure). The average grain
size for each exposure is listed in Table I.

Figure 1 Plot of Ln(Ln(1/Pf ) versus Ln(σ f ). The Weibull modulus, m, is determined from the slope of these curves. Note the strength distribution
is shifting to the left as the exposure temperature increases.

Figure 2 Mean filament strength verses the inverse square root of the grain size. The photomicrographs show the grain size distribution in the
as-received condition and exposed to 1450◦C for 1 minute where thermal etching caused grain boundary groves.

3.2. Defect identification
Fractography confirmed that the filament strength was
controlled by extrinsic flaws. The filaments were strong
enough to exhibit the classic mirror, mist and hackle sur-
face structures, though the boundaries between each re-
gion were difficult to distinguish. By following the river
lines back to the initiation site, the defects were gener-
ally found at the focal point of the mirror region. The
exception was for the weld-line defects (the remnant
of filament-to-filament sintering), which were slightly
offset from the focal point. Eight different types of de-
fects were identified as the cause of crack initiation and
catastrophic failure (see Figs 3 and 4).

The defect types were initially classified as either
internal or on the surface. Three internal defects are
shown in Fig. 3: a single spherical pore, non-spherical
porosity and an unidentified defect. Five different
types of surface defects were observed (see Fig. 4). The
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(a) Spherical Pore Defect

(b) Non-spherical Pore Defect

(c) Unidentified

Figure 3 Fracture surfaces of single alumina filament tests; internal
defects (filament strength, diameter): (a) spherical pore (3.75 GPa,
11.1 µm) (b) non-spherical pores (3.43 GPa, 11.6 µm) and (c) uniden-
tified (3.35 GPa, 12.2 µm).

weld-line defect shown in Fig. 4a was caused by the
separation of filaments that were diffusion bonded dur-
ing sintering. Fig. 4b shows an uneven surface area that
was characterized as a blister defect. A surface crack
is shown in Fig. 4c, and a surface nodule associated
with the crack initiation site is shown in Fig. 4d. The
fifth defect type was designated surface unidentified
(Fig. 4e), i.e., there was no obvious geometric defect
present; however, a small area of intergranular fracture
was observed at the crack initiation site.

TABLE I I Defect distribution in NextelTM 610 single filaments

Defect type
Exposure
temperature SU SW SC SN SB IU IP IPY

As-received 24% 17% – 5% 2% 14% 26% 12%
1300◦C 24% 15% 12% 27% 12% – – 10%
1400◦C 23% 33% 14% 23% 7% – – –
1450◦C 12% 82% – – 4% – 2% –

SU: Surface unidentified, SW: surface weld-line, SC: surface crack, SN:
surface nodule, SB: surface blister, IU: internal unidentified, IP: internal
spherical pore, IPY: internal non-spherical porosity.

The distribution of the defects as a function of ex-
posure temperature is reported in Table II. The flaw
population changed as the exposure temperature in-
creased. In the as-received condition, 50% of the
filaments failed from surface defects, and 50%, from
internal defects. The small percentage of weld-line de-
fects indicated that some filament-to-filament sinter-
ing occurred during the initial fiber production. These
weld-line defects were approximately 0.3 µm in width
and qualitatively defined as shallow, i.e., there was lit-
tle evidence of grain sharing between filaments (see
Fig. 5a). As the exposure temperature increased, fail-
ure from internal defects were less frequent, and the
percentage of failures initiated from weld-line defects
increased. The internal defects were not removed by
the heat treatment, but rather, more severe, surface de-
fects were triggered before failure at an internal defect
could occur. Specifically, the weld-line defects were
becoming more severe as indicated by the increased
percentage of weld-line defects, which was also an in-
dication of greater filament-to-filament sintering. Af-
ter exposure at 1450◦C, 82% of the filaments failed
from a weld-line defect; the defect width increased to
0.5 µm, and the increased roughness was evidence of
more grain sharing (see Fig. 5b). In addition, note that
the weld line defect in Fig. 5b is offset from the focal
point of the fracture mirror; outlined in white. The out-
line represents the predicted critical crack size for this
filament (discussed further in Section 4.1). This offset
was observed in 90% of the filaments which failed from
a weld-line defect after exposure at 1450◦C. The reason
for this observed offset is unknown.

The average strength of each type of defect as a func-
tion of exposure temperature was determined when at
least three filaments failed from that type. The strengths
and standard deviations are reported in Table III. Look-
ing at only the surface unidentified and weld-line de-
fects, the average strength of each defect decreased with
increasing temperature but were essentially equivalent
after each exposure. Table II shows that the percentage
of surface unidentified defects did not change signifi-
cantly until after the exposure at 1450◦C. The similar
strengths of the weld-line and surface unidentified de-
fects and the unchanging percentage of surface uniden-
tified defects suggest that the actual strength limiting
mechanism may be the same for these defects.

3.3. Crack path
High magnification SEM micrographs showed the
cracks initiated along the grain boundaries. A spherical
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T ABL E I I I Average defect strength (GPa)

Defect type
Exposure
temperature SU SW SC SN SB IU IP IPY

As-received 3.2 ± 0.4 3.3 ± 0.3 – – – 3.3 ± 0.3 3.5 ± 0.3 3.0 ± 0.3
1300◦C 3.16 ± 0.4 3.15 ± 0.4 2.7 ± 0.5 3.2 ± 0.4 2.6 ± 0.4 – – 2.6 ± 0.5
1400◦C 2.85 ± 0.3 2.87 ± 0.5 2.7 ± 0.5 2.8 ± 0.2 2.87 ± 0.2 – – –
1450◦C 2.38 ± 0.3 2.44 ± 0.4 – – – – – –

SU: Surface unidentified, SW: surface weld-line, SC: surface crack, SN: surface nodule, SB: surface blister, IU: internal unidentified, IP: internal
spherical pore, IPY: internal non-spherical porosity.

(a) Weld-Line Defect (b) Blister Defect

(c) Crack Defect (d) Nodule Defect

(e) Unidentified

Figure 4 Fracture surfaces of single alumina filament tests; surface defects (filament strength, diameter): (a) weld-line (2.25 GPa, 12.0 µm)
(b) blister (1.91 GPa, 12.0 µm) (c) crack (1.76 GPa, 11.9 µm) (d) nodule (3.24 GPa, 13.6 µm) and (e) unidentified (3.11 GPa, 12.5 µm).
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(a)

(b)

Figure 5 Weld-line defects in (a) the as-received condition (2.95 GPa);
(b) exposed for 1 min. at 1450◦C (2.6 GPa).

pore defect from an as-received filament is shown in
Fig. 6a. On the left side of the defect, a ring of inter-
granular failure is observed that then transitions into
a mixed transgranular-intergranular region. Fig. 6b is
a weld-line defect from a fiber exposed at 1400◦C; a
small line of surface grains failed intergranularly while
further propagation occurred transgranularly.

The percent of intergranular fracture (PIF) versus po-
sition from a surface defect in the as-received condition
and exposed at 1400◦C is shown in Fig. 7. The defect
area (position 0) consisted mostly of intergranular frac-
ture which further reinforces the observation that crack
initiation occurred along grain boundaries. As the crack
moved away from the defect in both fibers, the percent
of intergranular fracture initially decreased and then
increased. Also note that the percentage of transgranu-
lar fracture around the defected increased dramatically
after the exposure to 1400◦C. The observation of an
increase in transgranular fracture with increasing ex-
posure temperature was also observed by Xu et al. [14]

Fractography of two spherical pore defects further
illustrates this last point (see Fig. 8). The first defect is
from an as-received fiber where the majority of crack
propagation occurs via grain boundaries except for a
small region of mixed transgranular-intergranular frac-
ture around the defect. This is compared to a fiber ex-
posed to 1400◦C (Fig. 8b) where a much larger area of

(a)

(b)

Figure 6 Crack initiation occurred along the grain boundaries: (a) an
internal defect (b) a surface defect: I -intergranular fracture; T - trans-
granular fracture.

transgranular fracture is observed. The transition back
to intergranular fracture with increasing distance from
the defect is also evident.

There were three key observations concerning the
crack propagation path: (1) initiation appeared to oc-
cur along the grain boundaries around a defect; (2) as
the crack propagated away from the defect, the crack
path was mixed transgranular-intergranular, but even-
tually transitioned back to predominately intergranu-
lar fracture; (3) as the exposure temperature increased,
the percent of transgranular fracture around the defect
increased.

4. Discussion
In the majority of the NextelTM 610 filaments, the crack
initiation site was a geometric defect while the initial
crack path was along the grain boundaries. As defined
in Equation 1, the strength of an alumina filament can
be related to the fracture toughness, K I C , the critical
crack size, c, and crack geometry, ψ . The following
discussion will focus largely on understanding how a
critical crack evolves from a natural defect, specifically
understanding the relationship between the observed
defects and grain size.
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Figure 7 Percent intergranular fracture (PIF) versus position from a surface defect. The error bars represent the standard deviation of 3 measurements
for the as-received samples and 5, for the 1400◦C samples.

(a)

(b)

Figure 8 Spherical pore defects in filaments from (a) an as-received and
(b) heat treated at 1400◦C. Note that there is more transgranular fracture
around the pore defect after heat treating.

4.1. Crack initiation and subcritical
crack growth

The likely source of intergranular crack nucleation from
surface defects and internal pores are grain boundary
grooves. Grain boundary grooves from thermal etching

were observed on both external (see Fig. 2) and internal
surfaces [29]. Grooves were also created when sepa-
rating filaments sintered together (Figs 4b, 5 and 6b).
The severity of the grooves worsened as the exposure
temperature increased. This was especially true for the
weld-line defects (Fig. 5) which exhibited significantly
more grain sharing at the higher exposure tempera-
tures even though the width of the defects changed little
(0.3 µm vs. 0.5 µm). As noted previously, the strength
of the weld-line and surface unidentified defects were
essentially equivalent regardless of the exposure tem-
perature (see Table III). Since the initial fracture path is
intergranular, the common link between the two defects
may be the depth of the grain boundary grooves.

Once a sharp crack initiated, either subcritical or
catastrophic crack growth occurred. Kurchner and
Gruver in a series of papers on alumina [18, 19, 22,
32], correlated the transgranular fracture around de-
fects to subcritical crack growth. Similar to the results
of this work, they found that in weak samples a large
area of transgranular fracture surrounded the critical
defect while in higher strengths samples, the area of
transgranular fracture was small [19]. Their theoretical
calculations of the critical crack sizes were significantly
larger than the observed defects, supporting the hypoth-
esis of subcritical crack growth [19, 22, 32].

Using a similar fractography approach to determine
the presence of subcritical crack growth in NextelTM

610, the critical crack sizes were calculated for a
number of filaments using Equation 1 and assuming
K I C = 2.75 MPa m−1/2 [23].5 The crack was assumed
to be semi-circular with ψ equal to 0.66 [33, 34]. The
critical semi-circular crack is overlaid in white on two
fracture surfaces from as-received filaments (Fig. 9);
the overlay size is based on SEM magnification.

5 Kurchner and Gruver [22] used K I C ∼ 4 MPa m1/2 for calculating crit-
ical crack size in 1–3 µm hot-pressed alumina. In contrast, Chantikul
et al. [23] found that K I C was approximately 2.75 MPa m1/2 for
2.5 µm alumina. The lower value appears to be more appropriate for
the NextelTM 610 alumina filaments.
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(a)

(b)

Figure 9 Crack initiation sites for two as-received filaments; (a) near-
surface non-spherical defect (3.43 GPa) and (b) surface nodule defect
(2.79 GPa). The outline in white represents the predicted critical crack
size.

In the high strength filament, a crack initiated at an
internal, non-spherical pore near the surface; close
enough to assume a semi-circular surface crack. The
calculated critical crack size was 0.5 µm, which
matches the observed defect size. This is evidence that
K I C = 2.75 MPa m−1/2 is a reasonable assumption. For
the lower strength filament, the predicted crack size was
0.7 µm. In this lower strength filament, a crack likely
initiated in the surface nodule at a low stress, subse-
quently propagating into the filament. Therefore, the
crack must have grown subcritically. Similar conclu-
sions were seen for other defects in low strength fila-
ments. For example, the critical crack size around the
weld-line defect in Fig. 5b was 0.8 µm. It is outlined
in white to show how much larger it is compared to the
observed defect.

4.2. Mechanisms of subcritical cracking
One mechanism often associated with subcritical crack-
ing in alumina results from environmental attack at the
crack tip [35, 36]. This attack lowers the intrinsic tough-
ness of the material at the crack tip creating the rising
T-Curve (or R-Curve) necessary for subcritical crack-
ing. When environmentally assisted subcritical crack-
ing occurs, strain-rate effects are expected [24]; the

strength is expected to increase with increasing strain-
rate. These strain rate effects result from the rate de-
pendence of the environmental attack [17]. Filament
strength was measured for three different strain-rates
(10−5/s, 10−4/s, and 10−3/s: room humidity, 40–50%)
[29]. There was no observed effect of strain rate on
strength, thus the environmental mechanism was ex-
cluded as a possibility.

Subcritical cracking can also occur for cracks in the
presence of residual stresses [17, 25]. These residual
stresses arise from anisotropy of the coefficient of ther-
mal expansion [17] or elastic anisotropy between grains
[37]. To better understand the effects of thermal expan-
sion and elastic anisotropy stresses, first consider the
stresses intensity around the crack tip due to only the ap-
plied stress. The stress ahead to the crack-tip can be re-
lated to the applied stress intensity factor, K I (mode I),
via [38].

σz = K I√
2πy

f (θ ) (3)

where y is the radial distance from the crack tip
and f (θ ) is a function of the angle, θ , from the
crack plane: f (θ ) = cos(θ/2)[1 + sin(θ/2) sin(3θ/2)],
f (0◦) = 1. The applied stress intensity factor is:

K I = σAψ
√

πc (4)

where σA is the applied stress.
The intersection of σz and σA is the boundary of the

stress intensity region and is represented by the dis-
tance, y∗ = ψ2c/2. Plots of y∗ as a function of the crack
length, c, are shown in Fig. 10 for a semi-circular sur-
face crack. The shaded area represents the average grain
size of the as-received and exposed NextelTM 610 fil-
aments. For crack sizes within this shaded area and
below, the region of stress enhancement is contained
within single grains. For the semi-circular crack, the
crack length can be as much as 0.5 µm before the
stress intensity encompasses multiple grains. Since
these crack lengths are similar to the predicted criti-
cal crack size, the initial crack growth must be affected
by the stress state within single grains.

The predicted thermal stress in 100 nm grain size
alumina is about 100 MPa [39] and the effect of elastic
anisotropy has been shown to be less than the ther-
mal expansion anisotropy [40]. However, the residual
thermal stresses are predicted to increase significantly
as grain size increases from 60 nm to 100 nm [39],
which could help explain the trends of lower strength
and greater subcritical cracking with increasing grain
size.

Another potential cause of the subcritical cracking is
grain bridging, which results in rising T-curve behav-
ior in alumina [17, 23]. Chantikul et al. [23] predicted
rising T-curves for alumina with grain sizes varying
from 2.5 to 80 µm. As the grain size decreased, the re-
gion of T-curve behavior decreased. Whereas the 80 µm
alumina exhibited a rising T-curve at crack sizes on the
order of 10 to 20 times the grain size, the rising T-curve
in the 2.5 µm alumina occurred over crack sizes 1 to 3
times the grain size. Since the grain size in the NextelTM
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Figure 10 The stress intensity depth as a function of crack length for a semi-circular surface crack. The shaded area represent the average grain size
of the as-received and thermally exposed filaments.

610 was less than 0.1 µm, the grain bridging affect will
likely be small but cannot be entirely discounted.

An alternative explanation may be related to the dif-
ferences between the predicted and measured intrinsic
toughness, To, of alumina. The predicted To is a func-
tion of only the energy required to create new surfaces
and is between 0.9 and 1.5 MPa

√
m6. In contrast, the

measured To is between 2.5 and 3 MPa
√

m [17, 23, 41,
42] and was assumed to be 2.75 MPa

√
m for the cal-

culations of the critical crack size. Since the measure-
ments of To were made on samples with relatively long
cracks compared to this work, there may be a scaling
effect on the intrinsic toughness. The resistance to crack
growth over the first few hundred nanometers may only
be surface generation (i.e. To = 0.9 to 1.5 MPa

√
m).

Then as the crack grows, other mechanisms such as ad-
ditional fracture surface area from meandering cracks
through grain boundaries or ledges may cause the in-
trinsic toughness to increase. The effect could create a
rising T-curve as the crack grows from the microstruc-
tural scale to the continuum scale.

4.3. Catastrophic crack growth
Catastrophic or unstable crack growth occurs when the
crack extends past the critical crack size and the rate
of change in stress intensity factor with crack growth
is greater than the rate of change in toughness. As the
crack grows catastrophically, the region of stress en-
hancement ahead of the crack-tip, as defined by y∗,
increases.

The mist and hackle surface structures are a result
of crack branching. Crack branching dissipates excess
kinetic energy via the creation of additional fracture
surfaces [17]. One possible explanation of how crack
branching occurs, first proposed by Yoffe [45], is that
the stress field around the crack tip distorts as the veloc-
ity of the crack increases. In particular, calculations by
Erdogan [46] indicated that as the velocity increased,

6 The surface energies of various crystallographic planes in alumina have
been reported to be from 1–3 J/m2 [43, 44].

the maximum local tensile stress moved from the per-
pendicular plane (θ = 0◦) to as much as 50–70◦ from
perpendicular. In addition as the crack size increases,
y∗ will encompass more grains and grain boundaries.
The addition of more grain boundaries in the stress en-
chanced region provides more weaker boundaries for
crack branching, further enhancing the crack branching
due to the transition from the maximum tensile stress
at θ = 0◦ to θ = 50◦–70◦. This would help explain the
transition back to intergranular fracture as the distance
from the defect increased (Fig. 7).

4.4. Speculations on the effects of filament
coatings for NextelTM 610

Filament coatings can have two beneficial effects,
both of which inhibit the evolution of grain boundary
grooves. First, a coating acts as a barrier to filament-
to-filament sintering, eliminating the weld-line defects.
Second, a coating will generally inhibit thermal etch-
ing. Thermal etching results from surface diffusion of
atoms away from grain boundaries. In the presence of
a coating, the atoms from fiber-grain boundaries must
either diffuse along the filament-coating interface or
through the volume. Both of these processes are gener-
ally more difficult than surface diffusion. In addition,
atoms from the coating would have to diffuse toward
the grain boundary to maintain compatibility. In this
way the slowest diffusing species would limit the rate
of thermal grooving.

Coatings also can degrade filament strength by either
decreasing grain boundary energy, acting as an agent
for stress corrosion cracking or having a lower failure
strain compared to the filament. With better knowledge
of the effect of coatings on the single filament and bun-
dle strength (specifically identifying the crack initiation
sites in coated filaments), the effect on potential matrix
materials ultimately may be better understood.

5. Conclusions
The strength of NextelTM 610 alumina filaments
was found to decrease as the exposure temperature
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increased. This correlated to a change in the defect
population and grain growth. Internal defects, which
were observed in the as-received filaments, rarely con-
tributed to failure after thermal exposure for ∼1 minute
at 1300◦C. Weld-line defects caused by the breaking
of filament-to-filament bonds became more prevalent
as the exposure temperature increased. However, it
was observed that the strength of filaments with weld-
line and surface unidentified defects was essentially
equivalent at all exposure temperatures. This evidence
points to a common microstructural feature (likely grain
boundary grooves) playing a critical role in controlling
strength.

The initial crack path from the strength-limiting
defect was intergranular. Subsequent propagation oc-
curred via a mixed transgranular-intergranular path
with the amount of transgranular fracture increasing as
the exposure temperature increased (i.e., as the mean
strength of the filaments decreased). Evidence of sub-
critical cracking was obtained in the lower strength fil-
aments via fractography. The cause of the subcritical
cracking is believed to be associated either with stresses
induced from thermal anisotropy within the alumina,
with a rising T-curve behavior in the short crack regime
due to an increase in the intrinsic toughness with crack
length, or less likely, to grain bridging.

During catastrophic crack propagation, the crack
path transitioned back to intergranular. Two possible
explanations for this transition were identified: (1) As
the crack velocity increases, the maximum local tensile
stress moves 50◦ to 70◦ away from the direction of the
applied stress [46]. (2) The stress intensity region ahead
of the crack tip increases from the size of a single grain
at the onset of catastrophic failure to encompass many
grains (and grain boundaries) as K I increases.
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